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ABSTRACT: Substrate- and thickness-related effects on the oxygen surface exchange
of La0.7Sr0.3MnO3 (LSM) thin films were investigated to understand better cathode
reactivity in solid oxide fuel cells. Epitaxial (100)-oriented LSM films were fabricated on
(100)-SrTiO3 and (110)-NdGaO3 substrates and were characterized using electrical
conductivity relaxation. A strong substrate effect on the chemical surface exchange
coefficient (kchem) was observed, with a higher kchem found for films on SrTiO3 than
those on NdGaO3. Two distinct activation energies (Ea) were observed for kchem, which
were assigned to two parallel exchange processes; the relative contributions from each
depended on the substrate, film thickness, and temperature. For films coherently
strained to the substrates, kchem values differed by almost an order of magnitude,
whereas Ea was ∼1.5 (± 0.1) eV on both substrates. For relaxed films, kchem values
differed only by a factor of 2, and Ea was ∼0.75 (± 0.1) eV on both substrates. We discuss the strain effect relative to the native
surface exchange and the thickness effect relative to the extended defect populations in the films. The outcome of this study
sheds light on how microstructural features affect surface chemistry in modified cathodes.
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1. INTRODUCTION
An improved understanding of the complex oxygen reduction
reaction (ORR) that occurs in the cathodes of solid oxide fuel
cells (SOFCs) is needed to enhance the overall cell efficiency
and lower the total cost.1−3 Research on the development of
cathodes that facilitate both oxygen surface exchange and bulk
oxide ion transport has therefore attracted extensive atten-
tion.2−7 Thin film samples have been used to study surface
exchange, especially the surface exchange coefficient k, because
of the control they afford over electrode geometric features,8,9

surface crystallographic orientations,10−12 strain states,5,13,14

and microstructural features.11,15,16 However, it is well-known
that films often exhibit very different volumetric properties than
bulk materials owing to the different stoichiometries, strains,
extended defects, and thicknesses/geometries, as well as other
possible influences from the substrate. Many reports that used
thin films for surface measurements focused on measurements
taken from a single film or a single type of film with different
electrode geometries.9,15−17 Owing to this, it remains unclear
how to correlate surface properties measured on specific films
to those measured for bulk materials. In this work, we compare
surface properties measured for films on different substrates
and of different thicknesses, which primarily influence the strain
state and dislocation content, to correlate film properties to
these underlying materials parameters.
Perhaps the most extensive sets of work in understanding

surfaces of cathode thin films has focused on understanding
surface segregation and overall composition variations in thin
films, because cation segregation, oxygen vacancies, and

adsorbates are often cited as the most relevant considerations
for surface oxygen exchange. Sr segregation to the surface in Sr-
doped perovskite cathodes has received particular attention.
For most studies using bulk materials, a decrease in the activity
was correlated to increased Sr concentrations and Sr surface
segregation was observed to be a function of temperature and
electrochemical loads.18−22 For thin film samples, Sr-
segregation has also been widely observed23−28 and is a
function of temperature24,25 and electrochemistry.26 The
correlation to activity is less clear, though correlations of
surface composition with electrochemistry are documented for
(La,Sr)(Co,Fe)O3.

29 Whether such segregation is correlated to
the strain state is unclear since some reports indicate that it is28

some reports indicate it is not.23,24 Computational inves-
tigations were used to support Sr segregation to the (100)
surface for both strain states, yet the segregation increased as
the strain changed from compressive to tensile values in
computations.28 The differences observed experimentally are
likely a result of sample-to-sample variation or experimental
measurement precision. Oxygen vacancy concentration varia-
tions in oxygen vacancy rich perovskite films, such as LaCoO3
based materials, have also been widely studied. Strain has been
shown to impact defect formation energies,30,31 oxygen vacancy
order,32 as well as long-range cation ordering33 in perovskite
cobaltites. In this report, we aim to directly measure the effect
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of strain on surface exchange, as an initial step toward linking
the above-described strain-dependent chemical effects to overall
surface properties.
Recent studies have revealed interesting thickness and

substrate effects on the oxygen surface activity of films
(described below). While no conclusive understanding has
yet been obtained, largely because systematic studies that
control explicitly the underlying actors are lacking, these initial
observations indicate that the surface exchange measured on
thin films of nominally the same material vary widely. For
example, the chemical surface exchange coefficient, kchem, of
La0.8Sr0.2CoO3 films on yttria-stabilized zirconia (YSZ), was
found to increase with a decrease in film thickness and kchem
values of thin films were up to 2 orders of magnitude higher
than those measured on bulk materials.5 In contrast, an increase
in kchem was observed with thickness for La2NiO4+δ

13 and gallia-
doped ceria34 films. For epitaxial YBa2Cu3O7−x

35 and textured
La0.7Sr0.2MnO3

36
films, two distinct and measurable kchem values

were observed. Recently, we showed that both the value of kchem
and its activation energy were a function of surface orientation
for epitaxial, relaxed La0.7Sr0.3MnO3 (LSM herein) films.12,37

Even simply annealing a La0.5Sr0.5CoO3 film at high temper-
atures led to a 2 orders of magnitude increase in the measured
kchem.

38 In each case, some combination of strain, overall and
surface compositions, extended defect populations, and/or
surface roughness was implicated as an important actor in
oxygen exchange. What this collection of film work indicates is
that compositional, microstructural, substrate related, and
orientational effects all play a role in determining kchem, and
must be considered independently to understand activity.
In this study, we isolate the surface response from the bulk

diffusion properties using epitaxial thin films and measure the
exchange kinetics with electrical conductivity relaxation (ECR).
A discussion comparing kchem and Dchem, as extracted from ECR
data on 600 nm thick LSM films, and justifying the isolation of
the surface property is found elsewhere.12,37 Epitaxial (100)
La0.7Sr0.3MnO3 (LSM) thin films are deposited on SrTiO3
(STO) and NdGaO3 (NGO) single crystals by pulsed laser
deposition (PLD) and kchem is measured versus film thickness,
substrate, and temperature. Changes in both kchem and its
activation energy Ea with thickness, substrate, and temperature
are related to strain and extended defect (dislocation)
concentrations. Our results suggest that substrate related
tensile strains and large extended defect populations (dis-
location densities) lead to surface exchange rates that are much
greater than those for bulk LSM materials. We discuss these
results to the use of LSM as catalysts supported on other
cathodes, such as in infiltrated SOFC cathodes.6,39,40

2. EXPERIMENTAL SECTION
50 to 600 nm thick, perovskite LSM thin films were deposited by
pulsed laser deposition (PLD).12,24,26,37 A KrF excimer laser (λ = 248
nm) was pulsed at 1 to 3 Hz and focused on a ceramic target, of
nominal composition La0.7Sr0.3MnO3, to yield an areal energy density
of 2 J/cm2. We used 10 mm × 10 mm × 0.5 mm coupons of (100)-
oriented STO and (110)-oriented NGO single crystals (purchased
from MTI Corporation, USA) as substrates; they were cleaned in
ultrasonic baths of acetone followed by methanol, for 5 min each.12,41

Films were deposited at 750 °C under 50 mTorr O2 with a target to
substrate distance of ∼60 mm. Film growth rates were determined
from thickness measurements made using X-ray reflectometry
(XRR),42,43 and film thicknesses were controlled by depositing an
appropriate number of pulses.

Phase identification, epitaxy, strain state, and the out-of-plane
orientation spread (related to dislocation content) were characterized
by X-ray diffraction (XRD) (in θ−2θ, φ, and ω scan modes), all using
a Philips X’Pert MRD (λ = 1.5418 Å, Cu Kα).

42,43 High-resolution
XRD was carried out using a hybrid optical module for lattice
parameter calculation as well as for rocking curve scans.44 The out-of-
plane and in-plane lattice parameters were determined from the XRD
data based on the angular positions of different hkl reflections.44 The
surface morphology of the films was investigated using ex situ atomic
force microscopy (Veeco Dimension 3100) in tapping mode on an
area of 2 μm × 2 μm.44

Electrical conductivity was measured in a four-point van der Pauw
configuration, with Au as the contact to LSM, using a Keithley 2182A
nanovoltmeter and a Keithley 6620 precision current source, which
was set to deliver 1 mA current.12,37 Conductivity measurements were
carried out in oxygen pressures from 50 mTorr to 500 mTorr at
temperatures of approximately 600 to 900 °C. In most transient
experiments, the oxygen pressure (PO2) was changed between 50
mTorr and 500 mTorr, using the mass flow controller (smaller steps in
pO2 were also taken, but the kchem values did not vary significantly
while the noise increased for small steps at low temperatures). In
electrical conductivity relaxation (ECR) experiments, the relative
changes in the electrical conductivity following an abrupt change in
pO2 (from 50 to 500 mTorr for oxidation; 500 to 50 mTorr for
reduction) were measured. ECR data could be modeled on the basis of
a surface exchange model with a single surface exchange coefficient.
kchem was obtained based on fitting the data of the relaxation curves
and corrected by taking account of the chamber flush time. Details
regarding the ECR experiment set-ups and data analysis are explained
elsewhere12,37 (as used to investigate 100 to 600 nm thick LSM films).
The mathematical relationships between electrical conductivity and
surface exchange coefficient are given as follows11,35,38,45
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where g(t) is the normalized conductivity, σt is the conductivity at time
t, σfinal is the conductivity at re-equilibrium, σinitial is the conductivity at
the initial state, τ is a relaxation time constant and L is the sample
thickness. A least-squares approach was used to fit individual curves
and to extract kchem. A typical set of data and the fit to that data is given
elsewhere37 and in Supporting Information, Figure S1.

3. RESULTS

3.1. Structural Characterization of Films. As ex-
pected,12,37,46 the pseudocubic (pc) film epitaxy was found to
be (100)[010]film||(100)[010]substrate (determined using XRD
methods described elsewhere for similar La0.7Sr0.3MnO3 films
on SrTiO3

12). For relaxed (thick) La0.7Sr0.3MnO3, the pc
approximation with apc ≈ 3.876 Å is reasonable since
La0.7Sr0.3MnO3 has only a slight rhombohedral distortion.

47−52

SrTiO3 is cubic with a = 3.905 Å.53,54 NdGaO3 has a significant
orthorhombic (O) distortion; the Pbnm structure has lattice
parameters of: a = 5.43 Å, b = 5.5 Å, and c = 7.71 Å.55−59 The
orthorhombic (110) surface plane is equivalent to a (100)pc
plane. The equivalent pc in-plane lattice parameters are bPC ≈
3.864 Å = 1/2[11 ̅0]O and cPC = 3.855 Å = 1/2cO. For thick
films, a more accurate description of the two degenerate
epitaxial arrangements on NdGaO3 are (100)[010]film,pc || (110)
[11 ̅0]NGO,O and (100)[010]film,pc || (110)[001]NGO,O, which are
both equivalent to the pc cube-on-cube geometry.
The lattice parameters and overall strain states determined

from high-resolution XRD of LSM films are reported as a
function of thickness in Tables 1 and 2, respectively, for films
on STO and NGO. The 50 nm thick film on STO exhibits an
in-plane lattice parameter that is larger than the bulk values and
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matches that of the substrate, indicating that the film is
coherently (C) strained. The out-of-plane lattice parameter is
smaller than the bulk values owing to Poisson contraction. As
the film thickness is increased for films on STO, the in-plane
(out-of-plane) lattice parameter decreases (increases) toward
the bulk value owing to the relaxation of the in-plane tensile
misfit strain. Such relaxations are well-known to be
dislocation−mediated processes.48 The expected critical thick-
ness for strain relaxation has been reported to be ∼100 nm for
La0.7Sr0.3MnO3 on STO;50 this matches closely the ∼130 nm
calculated based on a energy balance model.60 As observed in
Table 1, the relaxation of the lattice parameter is gradual from
100 to 600 nm, where the 600 nm film is essentially fully
relaxed (R), though the out-of-plane lattice parameter is smaller
than the in-plane parameter by 0.005 Å (± 0.001 Å). The 100
and 300 nm thick films are listed as heavily (H) and lightly (L)
strained as their lattice parameters are 0.15% (H) to 0.9% (L)
different than for the coherently strained film, but not those of
the bulk.
For 50 nm LSM films on NGO, the in-plane lattice

parameter is smaller than the bulk values and matches that of
the substrate, indicating that the film is also coherently (C)
strained (approximately −0.2% to −0.4% in plane). The out-of-
plane lattice parameter is larger than the bulk values because of
Poisson expansion. Because the two in-plane directions of the
NGO substrate are slightly different,14,46,61 we listed the film
lattice parameters for both directions in Table 2 from high-
resolution XRD determination. As the film thickness increases,
the in-plane (out-of-plane) lattice parameter increases
(decreases) toward the bulk value owing to the relaxation of
the in-plane compressive misfit strain. The expected critical
thickness for strain relaxation is 100 to 150 nm62 for
La0.7Sr0.3MnO3 on NGO. As observed in Table 2, the relaxation
of the lattice parameter is gradual from 200 to 600 nm, and the
600 nm film is still lightly strained (L). The 100 and 200 nm
thick films are listed as heavily (H) and moderately (M)
strained as their lattice parameters are 0.1% (H) to 0.2% (M)
different than for the coherently strained film, and not yet equal
to the bulk. Figure 1 presents the XRD rocking curves (ω
scans) for 50 nm (dotted curves) and 600 nm (solid curves)
LSM films on STO (lower curves) and NGO (upper curves)
substrates. The rocking curve widths are an indication of the

crystalline quality, being a direct measure of the amount of
misorientation of lattice plane normals around their average
direction.63 The full width at half-maximum (fwhm) values for
the 50 nm thick films were extremely narrow, being 0.016° on
NGO and 0.032° on STO. The fwhm measured41 for the
substrates were ∼0.03° for STO and 0.008° for NGO. These
observations indicate that the coherently strained films have
crystalline qualities that are nearly identical to those of the
substrate. The separation in the peak locations on the ω axis for
the 50 nm films arises from the different out-of-plane lattice
parameters (the 2θ values used to register these peaks were
46.47 and 47.08° on NGO and STO, respectively) for these
coherently strained films. We previously reported such high
crystalline qualities for similar thin films on various substrates.24

Using synchrotron X-ray diffraction experiments24 on those
similar films, it was shown that the crystalline quality and
surface smoothness was maintained to 800 °C, indicating the
room temperature measurements are reasonable indicators of
the state of the film at high temperatures, with the exception of
thermal expansion impacting the quantitative values of
parameters.
The fwhm values for the 600 nm thick films were much

larger, being 0.024° on NGO and 0.12° on STO. These
observations indicate that the crystalline quality of the relaxed
films are strongly dependent on the substrate. The similarity in
the peak locations on the ω axis for the 600 nm films is
reflective of the nearly similar out-of-plane lattice parameters
for these relaxed films (the 2θ values used to register these
peaks were 46.78° and 46.71° on NGO and STO, respectively).
The larger fwhm values for films on STO than those on NGO,
implies that local (001) plane normals are more widely
distributed in space on STO than on NGO. For epitaxial films,
the fwhm is a good indication of the dislocation density,64,65

implying that the films on NGO have lower dislocation
(extended defect) content at all thicknesses than on STO. This
observation for the thick films is attributed to the better lattice
match between LSM and NGO (approximately −0.3%) than
between LSM and STO (approximately +0.8%). The number
of misfit dislocations required to relax the strain is larger for
STO, and this generally causes an increase in the number of
threading dislocations (extended defects) that remain in the
relaxed films. These threading dislocations, whether isolated or
bundled, increase the fwhm of the films.

3.2. Surface Morphology of LSM Films. AFM images
registered from (a, b) 50 nm and (c, d) 600 nm thick LSM
films deposited on (a, c) STO and (b, d) NGO substrates are
given in Figure 2. These images are representative of those

Table 1. Lattice Parameters of LSM Films on STOa

thickness (nm) out-of-plane c (Å) in-plane a (Å) tensile strain stateb

50 3.848 3.905 C
100 3.848 3.899 H
300 3.862 3.870 L
600 3.867 3.873 R

aDetermined from the location of the (002)pc and (022)pc reflections.
bC = coherent, H = heavy, L = light, R = relaxed strain state.

Table 2. Lattice Parameters of LSM Films on NGOa

thickness
(nm)

out-of-plane c
(Å)

in-plane a
(Å)

in-plane b
(Å)

compressive strain
stateb

50 3.904 3.855 3.864 C
100 3.902 3.859 3.870 H
200 3.900 3.862 3.873 M
600 3.885 3.868 3.875 L

aDetermined from the location of the (002)pc and (022)pc reflections.
bC = coherent, H = heavy, M = moderate, L = light strain state.

Figure 1. X-ray diffraction rocking curves of 50 and 600 nm
La0.7Sr0.3MnO3 (LSM) films on different substrates: (upper) (002)
peak of LSM films on NdGaO3;

55 (lower) (002) peak of LSM films on
SrTiO3 (STO). fwhm of each peak was marked in the plot.
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observed over the entire film, and for other films measured
herein. In each case, the films were observed to be uniform,
dense, and smooth, with root-mean-square (rms) surface
roughnesses of ∼0.25 nm. All observations of similar films
yielded results where the rms roughnesses were 0.4 ± 0.2 nm;
these values are typical of PLD-prepared films.12,25 Surface
roughness is known to impact surface diffusion,66 where
adatom/adsorbate diffusion is lower on rough surfaces,67 but
this should not be a factor in comparing the results from our
films. The total surface areas are also very similar for all films
measured here. As measured for the AFM images in Figure 2,
the total film surface area varies only by 0.1% of the scanning
projection areas (4 μm2). The film surface morphology is
closely related to the total surface area available to participate in
the oxygen surface exchange during our ECR experiments. It
has been discussed elsewhere that surface roughness affects the
measured kchem value for bulk ceramic specimens (and possibly
for films13), with rougher surfaces increasing the apparent
kchem.

13 The similar roughness values support the idea that the
ECR measurements on LSM films used in this study should not
be affected by the total surface area variations. Also, the local
angular orientation variation compared to the surface [001]
normal is below 1°, indicating orientation should not affect the
results either.37

3.3. Surface Exchange Measured at 600 and 800 °C.
The steady state conductivity values, σ(T,pO2), were collected
as a function of temperature (600 ≤ T ≤ 900 °C) and oxygen
pressure (50 ≤ pO2 ≤ 500 mTorr) for all films. In general, our
films were consistent with reports on bulk LSM; they exhibit
polaronic conduction with σ ≈ 200 S/cm at room temperature
and a thermal activation energy of Ea ≈ 0.1 eV.68 σ(T, pO2) was
found to be independent of the thickness and substrate (see
Supporting Information, Figure S2), indicating that the high
temperature conductivity was not affected by either strain or
dislocation content (or film orientation37). The dependence of

σ on pO2 was also consistent with bulk observations, where σ is
affected by a change in the carrier concentration with pO2. The
carrier population lies in a transition between being controlled
by the Sr-doping and by cation vacancies related to gas phase
oxidation.1,68−70 These results indicate that the defect behavior
and electron transport in all films are similar to bulk LSM (and
each other), and that differences in kchem should not be related
to steady state values.
Figure 3 plots kchem (measured during reduction of the pO2

from 500 to 50 mTorr) as a function of film thickness t (as log

kchem vs t) at (a) 600 °C and (b) 800 °C. For most films, no
difference was observed between oxidation and reduction (see
Supporting Information, Figure S3, and earlier reports12,37,71).
All data reported and analyzed in this manuscript are for the
reduction process. Values for films on STO (NGO) are given in
solid (open) symbols. Note that kchem is a function of substrate
(s) and thickness. kchem for films on STO are always larger than
kchem on NGO. In principle, the surface exchange coefficient
should be independent of thickness,4 but clear and strong
deviations from a thickness independent value are observed.
What is even more interesting, the magnitude and relative
direction of the deviation is a function of substrate and
temperature: such behavior is uncommon for films.5,38,45,72

Nevertheless, kchem tends toward a constant (thickness
independent) value as thickness increases, but the thickness
where the constant value is obtained depends on temperature
while the constant value itself depends on substrate.
Several important points should be made for our systematic

investigation. The 50 nm thick films are fully strained. The
surface exchange coefficients for those films vary by an order of
magnitude at 800 °C. kchem for the films coherently strained in
tension to STO is an order of magnitude larger than for the
films coherently strained in compression to NGO. The 600 nm
thick films are essentially fully relaxed. The surface exchange
coefficients are approximately twice as large for films on STO
than for films on NGO. Despite these differences, the kchem
values observed herein are consistent with the reported values
for both thin film and bulk LSM, which range from 3 × 10−6 to
5 × 10−4 cms−1,15,73,74 depending on temperature, pressure,
measurement technique, and sample characteristics.

Figure 2. AFM images of four LSM films: (a) 50 nm thick on STO,
(b) 50 nm on NGO, (c) 600 nm on STO, and (d) 600 nm LSM on
NGO. The root-mean-square roughness over the total area is given in
each image. The color scale for all images range from 0 to 3 nm. Figure 3. log kchem versus film thickness measured at: (a) 600 and (b)

800 °C. Open (closed) markers are for films on NGO (STO). kchem
was measured on changing pO2 from 500 to 50 mTorr. Estimated
regions of different film strain states are separated with dotted (solid)
vertical lines for films on NGO (STO), respectively.
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The behavior with thickness is broken down into three
regions related to the strain state of the system, denoted with
solid (dashed) arrows above (below) the data on STO (NGO)
in Figure 3. Films with thicknesses less than (greater than) that
denoted by the left (right) arrow represent films that are
essentially coherently strained (fully relaxed). Films with
thicknesses between those denoted by the arrows represent
films that are partially strained, as indicated in Tables 1 and 2.
At 600 °C, both partially strained and fully relaxed films have
larger kchem values than coherently strained films on both
substrates. Films on STO reach their plateau at lower
thicknesses than those on NGO. At 800 °C, similar behavior
is observed for films on NGO, but the thickness at which the
plateau is reached shifts to a lower thickness. In contrast, the
coherently strained films on STO have larger kchem values than
partially strained and fully relaxed films on STO. In fact, the
largest kchem value observed for any film is for the coherently
strained films on STO at 800 °C. Another difference for the
films on STO at 800 °C is that, although the films measured at
600 °C quickly reach the plateau value with increasing
thickness, the films on STO measured at 800 °C reach the
plateau at much larger thickness values.
3.4. Temperature Dependence of kchem. The temper-

ature dependence of kchem for LSM on STO (closed symbols)
and NGO (open symbols) are given as ln kchem vs 1000/T in
panels a and b in Figure 4 for 50 and 600 nm thick films,

respectively. The average behavior of these points was fitted
using an Arrhenius relationship, shown with a solid (dashed)
line for STO (NGO). The activation energy (Ea) shows a
strong thickness dependence but little substrate dependence. 50
nm thick films on both substrates exhibit an activation energy
Ea ≈ 1.5 ± 0.1 eV. On the other hand, 600 nm thick films on
both substrates exhibit an activation energy Ea ≈ 0.75 ± 0.1 eV.
The different activation energies indicate that the surface
exchange of coherently strained films and of fully relaxed films
are governed by distinct processes. While the substrate had
little effect on Ea over this temperature range, the values of kchem
are clearly different. This difference must arise from changes in
the pre-exponential term (or the high temperature intercept),
discussed later.
The temperature dependence of kchem for LSM on STO

(NGO) is given as ln kchem vs 1000/T in the main panel (inset)
of Figure 5, for all thicknesses. The activation energy measured
from the 50 nm coherently strained and 600 nm fully relaxed

films represent the limits of the Ea values observed for all films,
and these are also plotted in Figure 5. Depending on the
substrate and temperature, the partially strained films exhibit
behavior that is either similar to one of the two limiting cases or
in a transition between the limits. The LSM film on STO
measured at 800 °C gives a good example of this transitional
behavior. While partially strained films measured at 600 and
700 °C show thickness independent kchem values similar to the
fully relaxed films, a clear thickness dependence to kchem is
observed at 800 °C. A similar observation is observed for films
on NGO, as shown in the inset of Figure 5. Interestingly, it is at
600 °C that a thickness dependence is observed for the partially
strained films indicating a transitional behavior to kchem and Ea.
At 700 and 800 °C, the partially strained films are similar to the
fully relaxed films.
The existence of two activation energies indicates that two

different pathways exist during surface exchange for the LSM
films. In addition to the transitional behavior described above, a
crossover is observed between the two mechanisms. On STO,
the crossover occurs between 700 and 800 °C as indicated in
Figure 5. At the higher temperature, the higher activation
energy process dominates. On NGO, no crossover point was
observed within our measurement conditions, but would exist
on extrapolating the lines to higher temperatures. The results in
Figure 5 show that both the crossover point and the transitional
behavior away from the crossover point are substrate
dependent. These observations will be discussed below in
relation to a proposed model.

4. DISCUSSION
We observed that the bulk properties of the LSM films were
independent of thickness and substrate from 600 to 800 °C
(similar to earlier observations12,37). In contrast, the electrical
and magnetic properties of LSM films measured at low
temperature are strongly linked to substrate-induced lattice
distortions,46,75 crystallographic orientation,75,76 strain related
oxygen deficiency,77 and hole concentrations.51 This low-
temperature behavior arises from strong lattice coupling with

Figure 4. kchem values of LSM films versus inverse temperature: (a) 50
nm films and (b) 600 nm films. Data for films on STO (NGO) are in
closed (open) markers and apparent activation energies (Ea marked in
images) were fitted with solid (dashed) lines.

Figure 5. ln kchem versus inverse temperature for films of various
thicknesses on STO (inset is for films on NGO). Lines denoting the
activation energies of the 50 (600) nm thick films are overdrawn in
solid (dotted) lines; their values correspond to Ea = 1.5 (0.75) eV/
atom.
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electronic and magnetic order, which greatly affects the critical
temperature to both metal−insulator and magnetic trans-
formations. However, the properties measured well above these
transformation temperatures (600 °C is well above them) have
been found to be similar for films on different substrates and for
different thicknesses.51,76 For highly defective perovskites, such
oxygen deficient LaCoO3, strain is known to affect the defect
chemistry of films. A strain driven ordering of oxygen vacancies
has been reported in LaCoO3 films.33,78 Our results indicate
that the defect chemistry of LSM is less sensitive to strain than
LaCoO3, perhaps because LSM is a cation vacancy material
with a lower number of overall defects. In any case, this
insensitivity to the bulk properties is not reflected in the surface
exchange, which is very sensitive to substrate related effects;
these are not likely associated with any bulk value change in
properties that affect the steady state electronic properties or
defect chemistry.
In what follows, we propose a microstructural model to

explain the observed kchem dependence on substrate, film
thickness, and temperature. Simply put, we propose that the
two exchange pathways are associated with (1) the native
dislocation-free surface and (2) the surface/bulk region around
a dislocation that intersects the surface. By considering the
effects of thickness, substrate, temperature, and strain on the
relative contribution of these two pathways to exchange, the
observations made above can be rationalized and inferences can
be made for their impact on cathodes materials. Schematics of
three limiting cases expected from the proposed model are
given in Figure 6, for a film of thickness LF.

In Figure 6(a), a schematic of surface exchange is given for
the native dislocation-free surface. The total flux of oxygen, JT
(atoms/cm2), will be simply related to the flux across the native
surface, JS (atoms/cm2). We propose this flux is a function of
strain (ε) and temperature: JS(ε,T). Keeping in mind that the
dislocation content is the lowest for the thinnest films, one

expects the dislocation-free surface to be most important in the
thinnest films. The 50 nm thick films both exhibited Ea ≈ 1.5
eV, though the kchem values were strong functions of the
substrate. The most likely source of this difference is the
coherent strain state differences (see Tables 1 and 2), where
LSM on STO (NGO) is in biaxial tension (compression) of ≈
+0.8% (- 0.3%). The rocking curve widths shown in Figure 1
corroborate the low number of dislocations in the coherently
strained films. A schematic of measured flux versus inverse
temperature for these surfaces are shown in Figure 6(b)
(illustrating the same shown in Figure 4(a) for kchem). What is
interesting in these observations (and the proposed model) is
that strain causes a large difference in the high-temperature
intercept of the kchem (or flux) but only a modest, if any,
variation in the measured activation energy. We will discuss
possible reasons below.
As the films get thicker, the lattice parameters are observed

to relax (Tables 1 and 2) gradually until they become fully
relaxed above 600 nm. As seen in the rocking curves, the fwhm
increases greatly for the 600 nm thick films compared to the 50
nm thick films. Relaxation is largely a dislocation-mediated
process, with dislocation propagating from the surface to the
interface leaving threading components behind that intersect
the native surface. For films in which the dislocation density is
large enough, we propose that the entire film can exchange with
the gas phase through a dislocation mediated mechanism. In
Figure 6(e), a schematic of surface exchange is given for the
dislocation-mediated surface. The thick gray surface indicates
the portion of the surface that contribute through this path and
dislocations are shown as vertical dashed lines. The total flux of
oxygen, JT, is now related to the flux across the surface with
intersecting dislocations, JD (atoms/cm2).
It should be pointed out that dislocations have long been

known to effect heterogeneous catalysis on solid surfaces.79−84

In oxides, dislocations have been reported to have increased
oxygen mobility85,86 and can exhibit significantly larger oxygen
deficiencies than the bulk.85,87,88 Therefore, dislocations may
impact many substeps the overall ORR adsorption, diffusion,
interfacial transfer, and incorporation. Here we show that
extended defects associated with relaxation have a measurable
effect on the surface exchange, though neither the exact
mechanism nor the substep that is modified is known.
We envision that each dislocation impacts a volume of film

that is, in a limiting case, related to the spacing between
dislocations (≈ ρ−1/2, where ρ is the dislocation content in
#/cm2). For 600 nm thick films, the dislocation content should
be on the order of 1011 cm−2. This would put the spacing
between dislocations for most relaxed films as being
approximately equal to or less than the films thickness,
indicating that such a mechanism should not result in a
(lateral) diffusion controlled regime.
We propose that this dislocation flux is a function of

substrate (s) and temperature: JD(s,T), when the films are fully
relaxed. The total flux should be related to the total dislocation
content (ρ), though the exact relationship of Jd(s,T) on ρ is
beyond the scope of this work (and depends on the relative
contribution each dislocation makes as the dislocation content
increases). We observe that kchem is always lower for relaxed
films on NGO than relaxed films on STO (see Figure 4(b)),
which is in agreement with the lower dislocation content as
reflected in the more narrow rocking curves for films on NGO
(Figure 1). The higher crystalline quality of the substrate and
the closer lattice match to LSM for NGO compared to STO are

Figure 6. Schematics of the total flux of oxygen during reduction for
films wherein: (a) only the native surface contributes, (c) both the
native surface and dislocations (vertical dashed lines) contribute, and
(e) only the dislocations contribute. The region of the surface (bulk)
that each dislocation affects is marked by a gray horizontal (vertical)
line. Schematic plots of the corresponding flux (which is proportional
to kchem) versus inverse temperature are given in b, d, and f for the
surfaces shown respectively in a, c, and e. The activation energies (Ea)
model the (b) thin (50 nm), (d) intermediate, and (f) thick (600 nm)
films. See text for explanation of terms.
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the reasons for the lower dislocation contents on NGO.
Importantly, the activation energy related to the dislocation
mediated process is relatively insensitive to the substrate,
indicating that the number of dislocations affects the pre-
exponential term directly, while the activation energy (Ea ≈
0.75 eV) of the dislocation-mediated process is largely
unchanged. Note this activation energy is much lower than
known for diffusion processes.89

While the limiting cases of this model sufficiently explains the
data in Figure 4, the transitional behaviors observed for partially
strained films observed in Figures 3 and 5 indicate that these
two mechanisms must act in parallel (for the model to be
appropriate). One expects that each dislocation intersecting the
surface can interact with surface species within a surface
diffusion length (which should be relative to the exchange rate).
The surface diffusion length will be related to surface coverage
and diffusion mechanism, both of which are temperature
dependent. Similarly, each dislocation can interact with a
volume element related to the bulk diffusion (again relative to
the time scale of surface exchange), which is also temperature
dependent. These two regions are shown in Figure 6(c) around
each dislocation; the surface (bulk) that interacts with the
dislocation is shown in a gray horizontal (vertical) line (they
are set equal to each other here for simplicity sake). The
schematic shown in Figure 6(c) indicates a case where only a
portion of the surface (bulk) is mediated by dislocations.
In such a transitional case, the total flux JT will be the area

fraction (A*D represents the area fraction of the surface
controlled by dislocations) summation of the flux through
dislocations, JD(t,s,T), and the flux through native surfaces,
JS(ε,T), or JT = A*D JD(t,s,T)+ (1-A*D) JS(ε,T). The flux
through the dislocations will be dependent on the substrate (s)
and thickness, which control the dislocation density, as well as
the temperature, which controls the surface/bulk region that
interact with a given dislocation. A schematic of an idealized
temperature dependence of the flux is given in Figure 6(d),
where we simply assumed the area fraction does not change
with temperature. In this case, we would measure an
intermediate value for the activation energy.
In contrast to the model given in Figure 6(d), the area

fraction is not expected to be independent of temperature and
we must consider A*D(T). The behavior of any given film may
be complex, since so many variables exist within even this
relatively simple model. The observations of kchem given in
Figures 3 and 5 indicate that the behavior is indeed somewhat
complex. At low temperatures, the LSM films plateau with
thickness for films 100 (200) nm thick on STO (NGO). The
plateau with thickness indicates the relative increase in the
dislocation content above the plateau thickness value does not
further impact the surface exchange. This implies that any given
surface area (or bulk volume) is interacting with more than one
dislocation, thereby decreasing the impact of marginal increases
in dislocation density. Much of the relative increase in
dislocation content occurs during the initial relaxation (where
the dislocation density increases by many orders of magnitude),
while the final relaxation leads to a much smaller relative
change. The difference of kchem for films on STO and NGO
(which is about a factor of 2) is not expected to be directly
related to the dislocation density (which is not likely only a
factor of 2, though we did not measure this) in such cases, but
there should be some dependence on the dislocation density.
At 600 °C, the 50 nm thick films on STO and NGO are

described by the model in Figure 6(a) and the films greater

than 100 (200) nm on STO (NGO) are described by the
model in Figure 6(e). The 100 nm thick film on NGO is
described by the model in Figure 6(c). In this case, the
dislocation content is somewhat low and the area fraction of
dislocation-mediated surface is less than one. As such, some of
the surface is controlled by the slower, higher activation energy
process of the compressively strained (100) surface. kchem is
therefore observed to be between the limiting values. For this
to be the case, the net diffusional processes associated with the
dislocation activity must be decreasing with temperature. The
implication of this is that at lower temperatures one expects the
native surface process to dominate even for the higher
dislocation content films, as their area fraction decreases at
lower temperatures (assuming no other mechanisms take over).
At 800 °C, the 50 nm thick films on STO and NGO are

again described by the model in Figure 6(a) and the films
greater than 300 (100) nm on STO (NGO) are described by
the model in Figure 6(e). The 100 and 200 nm thick films on
STO are described by the model in Figure 6(c). In the latter
case, the dislocation content is moderate and, in contrast to the
observation that A*D < 1, the diffusional mechanisms described
above are expected to generate A*D = 1, as observed for the
films thicker than 100 nm on NGO at 800 °C. The reason A*D
< 1 for the STO film is related to the crossover in the two
parallel processes shown in Figure 5. Since JS is increasing so
quickly with temperature, increased further here by the residual
tensile strains, the net value of A*D is expected to decrease well
above the crossover region observed in Figure 5. This means
that the partially strained films in tension (on STO) have a
larger high temperature (800 °C) exchange rate owing to
greater native surface activity for even moderate dislocation
contents. In general, we expect that all films will ultimately be
dominated by the native surface properties at sufficiently high
temperatures above their corresponding crossover points
(assuming no other pathways become active).
Oxygen surface exchange is known to be a complicated

process, involving multiple substeps, for which a variety of past
reports have discussed potential mechanistic paths. The
activation energy for surface diffusion of oxygen on LSM is
reported to be 1.34 to 1.65 ± 0.03 eV,89 which is in a good
agreement with our observations for the thin, the fully strained
films. Thin films on both substrates exhibit an activation energy
Ea ≈ 1.5 ± 0.1 eV, which we assign to the native surface. This
agreement suggests that our films have a similar rate limiting
process, which is possibly surface diffusion limited.89 We
observed that the nature of the substrate had little effect on the
activation energy of this surface exchange path but appears to
have a strong effect on the pre-exponential factor. A variety of
potential mechanisms could be proposed to fit these
observations. For example, a small change in the adsorption
(defect formation) energies could be caused by strain and could
affect the surface concentration of adsorbates (lattice defects),
and thereby the number of diffusing species (incorporation
sites). This would lead to a large change in the pre-exponential
term and a relatively small change in the overall activation
energy. Most similar mechanisms would predict some variation
in the activation energy concomitant with a change in the pre-
exponential term, but the absolute change must remain within
our uncertainty.
Strain is known to directly influence the surface structure23

and surface chemical composition,24 which would affect surface
exchange indirectly. Though Sr-segregation on LSM surfaces
have been widely reported, surface compositions were found to

ACS Applied Materials & Interfaces Research Article

dx.doi.org/10.1021/am300194n | ACS Appl. Mater. Interfaces 2012, 4, 2541−25502547



be similar on both strained and relaxed LSM films substrates
having both tensile and compressive strain states,23,24 implying
that surface composition is constant with thicknesses and
substrate in this study. The activation energy for Sr segregation
is below 0.1 eV,24 which is well within our uncertainty values on
kchem, as described above. A more recent study on strain effects
on the surface chemical composition revealed that tensile strain
indeed favors Sr segregation on the LSM surface more than
compressive strains,27,28 suggesting a possible explanation for
the enhanced surface exchange observed in this study, though a
Sr-enriched surface is reported be to less active for electron
transfer in oxygen reduction reaction.25 DFT calculations
predicted a trend of reduction in oxygen vacancy formation
energy and adsorption energy as tensile strain level increases.31

Epitaxial strains are also shown to influence the LSM surface
electronic structure28 to facilitate the oxygen reactivity at
elevated temperatures, owing to surface defect formation and
possible reconstructions.90 Further investigations for each
substep in the oxygen reduction reaction is necessary to answer
the direct driving force for the enhanced activity of LSM
observed on STO.
As for the dislocation-mediated surface, we propose that the

incorporation site density becomes fixed and is related to the
density of dislocations intersecting the surface. This pre-
exponential term likely has a sublinear relation to the actual
dislocation content but still plays a role. Therefore, the surface
exchange on NGO is always lower than on STO because the
dislocation content of LSM on NGO is much lower than of
LSM on STO. The lower activation energy likely reflects the
change in the incorporation mechanism. At intermediate
temperatures, this improves the surface exchange rate. At
high temperatures, the native surface overatakes this process
owing to the higher activation energy and larger high-
temperature intercept. At low temperatures, the region around
a dislocation that is controlled by the dislocation decreases
sharply, resulting in a return the native surface process as the
dominant mechanism.
While the systematic investigation we carried out here shed

light on the overall surface exchange mechanisms for LSM, and
their relation to strains and extended defect concentrations, the
oxygen exchange response is still poorly understood from either
a quantitative or a mechanistic perspective of the underlying
substeps. There have been relatively few systematic inves-
tigations that control the different parameters found here to
have dramatic effects on surface exchange, indicating that it is
difficult to compare from sample to sample even when clear
mechanistic investigation into surface exchange have been
carried out. Here alone we observed a 3 orders of magnitude
variation in kchem for our nominally similar films, which depends
on strain, dislocation content (substrate and thickness), and
temperature (see Figure 3). This is not simply a problem of
using thin films: similar issues can be discussed relative to bulk
samples where grain size and surface roughness are not well
controlled, since grain boundaries are expected to behave
similar to the dislocations studied herein. In an earlier study of
textured (110)-oriented LSM films on (111) YSZ,36 we found
strong correlation between two parallel paths that could be
assigned to the native surface and the grain boundaries. Similar
to here, the behavior was complex with temperature depending
on their overall contributions. What thin films offer in this
regard is the possibility of controlling for different structural
features in a straightforward manner, ultimately allowing their
effects on surface chemistry to be unravelled.

Here we reported values only for (100) films. In a prior
report,37 we showed that for relaxed films on STO (600 nm)
having (100), (111), and (110) surface orientations, both the
overall kchem and the activation energies were orientation
dependent. While the nature of the (100) surface at 600 nm
appears to be mediated by dislocations based on the current
work, we infer the same is true for relaxed films on STO with
other orientations. Since the nature of the dislocation-free
surfaces for other orientations is still unknown, we cannot be
sure of the relative contribution the dislocations make on
specific orientation without further work.
The relationship of thin film work to real fuel cells is also of

interest. Here we can isolate the effects of different micro-
structural and chemical parameters on overall surface exchange
(or the oxygen reduction reaction at open circuit). These
results imply the local activity should vary greatly depending on
the local strain states, surface states, and proximity to an
extended defect (not only triple phase boundary lines but also
grain boundaries and dislocations), as well as each of these
varying with temperature. This indicates the surface activity is
widely varying, which has potential for both the average activity
but also the local degradation. Also, much recent work in
SOFCs has focused on decorating micrometer-sized pore
surfaces with nanoscale catalysts, which are similar in size to the
films under investigation. A recent study showed that a
(La,Sr)MnO3 thin film coating91 on (La,Sr)(Co,Fe)O3
cathodes led to surfaces possessing better structural and
chemical stability for SOFC operation. In other words, thin
film samples not only offer an ability to control parameters that
directly impact surface chemical processes in a meaningful
fashion, but they are more and more relevant to complex
catalysts under design for use in SOFCs. Our work indicates
that, at least for (100) surfaces, activity can be improved at high
temperatures through tensile strain, while at intermediate
temperatures by increasing the extended defect populations.

5. CONCLUSIONS

In summary, epitaxial La0.7Sr0.3MnO3 films with well-controlled
surface properties were prepared on SrTiO3 and NdGaO3
substrates. Several interesting observations were found. First,
two distinct activation energies (Ea) were found for kchem,
indicating two parallel mechanisms contribute to surface
exchange in LSM films. Ea for surface regions that are
influenced by the presence of extended defects intersecting
the surface was ∼0.75 eV, found for thick relaxed films. For
surface regions free of dislocations, Ea ≈ 1.5 eV, which was
found for thin coherently strained films. Second, significant
substrate effects were observed to impact kchem, which varied by
over 3 orders of magnitude depending on substrate, thickness,
and temperature. In 50 nm films, kchem of films on STO is 1
order of magnitude larger than on NGO at all temperatures. In
600 nm thick films, kchem of films on SrTiO3 is larger than on
NdGaO3 by a factor of 2, at all temperatures. Third, the relative
contributions from the two mechanisms depend on substrate,
thickness and temperature. For thin films, homogeneous strain
strongly impacts the relaxation time; and it reveals the intrinsic
surface responses. For thick films, extended defect determines
the relaxation time; and it is related to dislocation density and
activity. The relative contribution of the dislocation mediated
mechanism maximized in intermediate temperature ranges. We
proposed a model that is consistent with the structural
properties and surface exchange data.
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